A study about the precipitation and phase stability was carried out in an IN-792 superalloy used as a blade in a gas turbine. Microstructure analysis was conducted experimentally on three different cross sections of the blade designated as high temperature (HT), medium temperature (MT), and low temperature (LT). To identify the HT, MT, and LT sections, a numerical thermal analysis was performed using ANSYS software. To obtain the distribution gradient of temperature in the blade, the real conditions of operation in steady state of the gas turbine were considered. A numerical study about the occurrence of phases in the IN-792 superalloy was carried out with ermo-Calc and TC-PRISMA software. e analysis of the as-cast IN-792 superalloy with Scheil-Gulliver equations permitted to explain the phase formation during the solidification process.
Introduction
e Ni-based superalloys have excellent mechanical properties under high-load bearing at temperatures up to approximately 85% of their incipient melting point, as well as, good environmental resistance and metallurgical stability under service conditions from about 813 K (540°C) and, in some cases, up to 1473 K (1200°C) [1] . ese superalloys have been used since the early 1940s to manufacture diverse structural components of aerospace and land-based gas turbine engines exposed to the highest temperatures during the operation stages (e.g., combustor, turbine arrangements, and in the final high pressure of the compressor) [2] . e current performance of gas turbine engines is the result of continuous improvements in different areas of engineering, including alloy design, casting technology, and coating methods [3] [4] [5] . Critical rotary and stationary components in current gas turbine engines are mainly manufactured by directional solidification via columnarcrystal-structure or single-crystal technology in order to reduce or remove the grain boundaries, introduce a preferred grain orientation, and hence, improve its mechanical properties [2] .
e remarkable mechanical properties of Ni-based superalloys are attributable to their precise chemical balance that promotes a coherent precipitation of the intermetallic compounds, c′(L1 2 − Ni3Al) and/or c ″ (D0 22 − Ni 3 Nb), in a matrix phase, c(A1 − Ni). e precipitates of c ′ are usually aligned along the elastically softest crystallographic <100> direction [2] . e mechanical strength of c ′ reinforced Ni-based superalloys is maintained at high temperatures due to c ′ coarsening resistance. is characteristic is favored by a low value of lattice misfit between the c and c ′ phases, which affects the interfacial energy between them [6] .
e precipitation hardening of as-cast superalloys is generally carried out by a controlled heat treatment which may consist of a homogenization period followed by several aging steps. is treatment causes commonly a bimodal size distribution of c ′ precipitates [2, 7, 8] . Additionally, it is known that superalloys are a good example of the more complex metallurgical systems due to the large number of alloying elements that compose them and promote the formation of other phases during its heat treatment and/or in-service operation. is fact makes difficult to determine what phases are stable after a heat treatment or during the component operation. For example, a study of the thermodynamic equilibrium for an IN-792 superalloy, using ermo-Calc version S, showed the occurrence of c, c ′ , M 23 C 6 and σ phases in the calculated isothermal diagram at 973 K (700°C) [9] . It was concluded that even though the calculations predicted both σ-phase and M 23 C 6 carbides to be thermodynamically stable, the experimental results showed occurrence of M 23 C 6 carbides without σ-phase [9] . It is important to mention that an essential difference between this study and the analysis in [9] is the ermo-Calc database used for the thermodynamic calculations. Another difference is that the blade in this study has an improved engineering design and cooling channels [2, 3] . is technological improvement increases the efficiency of the gas turbine and suggests that the blade operates under severe conditions of service, such as higher temperature [2] . us, the microstructural stability, which is related to the mechanical integrity of this component, acquires major technological and scientific interest. So, several experimental and theoretical efforts have been made to predict or estimate the phase evolution of superalloys under different aging conditions [7, [10] [11] [12] . Other phases like the topologically packed phases (TCP) can frequently appear into the microstructure of Ni-based superalloys. e TCP phases contain excessive amounts of Cr, W, and Mo that promote the precipitation of intermetallic phases enriched with these elements [2] . ese phases have a high atomic density and some degree of nonmetallic behavior with directional bonding, as well as complex crystalline structures.
e TCP phases have the general chemical formula A x B y , where A and B are transition metals. Some examples are the μ, σ, R, and P phases [2] .
us, TCP phases are incoherent with the c matrix phase and therefore do not contribute significantly to the mechanical strength. Additionally, different carbides and borides may be formed during processing or service, and their type and structure (i.e., MC, M 6 C, M 23 C 6 , M 7 C 3 , and M 3 B) depend on the alloy composition and thermal history to which Ni-based superalloy was subjected [13] . e continuous formation of these phases is recommended to be avoided on the grain boundaries, although there is little information about it. eir presence in these regions is due to an inadequate choice of processing temperatures or heat treatment of the superalloy to obtain the best mechanical properties [2, 11, 14, 15] .
en, the study of phases formation and their evolution is an important issue to be investigated for Ni-based superalloys. Recently, the computational thermodynamic, based on CALPHAD methodology, has emerged as an important alternative to analyze the phase stability and growth kinetics of precipitation in alloys. For instance, ermo-Calc and TC-PRISMA have been employed to analyze the phase transformations of alloys [9, [16] [17] [18] . us, the purpose of present work is to study experimentally and numerically the precipitation, coarsening process, and stability of the formed phases for an IN-792 superalloy. e analyzed blade was used in the first stage of a land-based gas turbine, and after, heat treatments were applied to regenerate the precipitation process in order to study their effect on the superalloy hardness.
Experimental Procedure
e IN-792 superalloy was obtained from a gas turbine firststage blade, with a length of about 103 mm over the blade root, after 12,000 h of service. Chemical composition of the superalloy was determined by an atomic absorption spectrometer, Varian Spectr AA-220 FS. Microstructural characterization was performed at three transversal sections along the blade length, designated as high temperature HT∼1211 K (938°C), medium temperature MT∼1147 K (874°C), and low temperature LT∼1091 K (818°C) located at 50, 90, and 10 mm from the blade root, respectively. Specimens were prepared metallographically and then etched with FeCl 3 : 5 g, HCl: 2 mL, and ethanol: 100 mL [19] to be observed by optical microscopy (OM), with an Axio Observer D1m (Carl Zeiss) and by scanning electron microscopy (SEM), with a Jeol ermo Scientific JSM-6300 at 20 kV, equipped with EDX analysis. Phase characterization was pursued by X-ray diffraction (XRD) with copper K α radiation, with a Bruker D8 FOCUS X-ray diffractometer. Quantitative metallography of microstructure was conducted by image analysis using ImageJ software. Vickers microhardness was determined using a load of 50 g for 12 s.
Reheat treatments of IN-792 superalloy specimens were carried out only in the blade root considering, from the results of design and structural analysis of gas turbine blades, that this section is exposed to the lowest values of total deformation [20] [21] [22] .
e conditions for heat treatments were as follows [23] : first, heating at 1393 K (1120°C) for 4h with an electric tubular furnace, then air cooling. Next heating at 1393 K (1120°C) for 4 h followed by rapid air cooling until 1353 K (1080°C) and then aging at this temperature for 4 h and final aging at 1118 K (845°C) for 24 h followed by air cooling. Heat-treated specimens were previously encapsulated in quartz tubes, first evacuated to 10 −2 Pa and then filled with pure Ar gas. ese specimens were also characterized by OM, SEM, XRD, and Vickers microhardness test.
Numerical Procedure

Fluid Flow and ermal Analysis.
First, a computational fluid dynamics (CFD) calculation was carried out to obtain the temperature produced by the gas flow on the blade surface [24] .
en, these results were used as boundary conditions in a conduction heat transfer analysis to determine the temperature distribution inside of the blade. All computations were performed at steady state condition using the finite volume method and finite element method (FEM) implemented in ANSYS software. e CFD domain was considered between the end of the first stage nozzle and the beginning of the second stage nozzle, with the following boundary conditions: inlet and outlet static pressure of 1.43 MPa and 1.02 MPa, respectively; inlet and outlet flow temperature of 1316 K (1043°C) and 1135 K (862°C), respectively; and, a mass flow of 2.11 kg/s. It is important to mention that the cooling flow was also taken into account and the cooling flow inlet velocity was 256.4 m/s at 612 K (339°C). e high pressure turbine was rotating at an angular speed of 8405 rpm. e discretized CFD domain contained 287638 vertexes and 281100 cells with 7.82 × 10 −4 m of minimum edge length. Additionally, the heat transfer domain by conduction was discretized with 32777 nonlinear elements [24, 25] . e condition of ceramic coating on the blade was not considered in this study. e attention was focused on the temperature distribution in three cross sections located at different blade heights (bh), measured from its platform. e first one was located near the platform (bh � 10 mm), the second one was situated at midspan (bh � 50 mm), and the third one was positioned near the blade tip (bh � 90 mm). [27] . e analysis of growth kinetic for precipitation was conducted using TC-PRISMA during aging of the IN-792 superalloy. e TC-PRISMA precipitation module [28] is based on Langer and Schwartz (LS) theory and uses the Kampmann and Wagner (KW) numerical method [29] to simulate the concomitant nucleation, growth, and coarsening of precipitates for multicomponent and multiphase alloy systems. e solution of equations for the LS theory enables to calculate the time evolution of the particle size distribution, mean radius, and the number density. e simplified growth model was used in precipitation simulations. e initial chemical composition for the precipitation analysis was assumed to be that corresponding to the maximum microsegregation of the c phase dendritic structure calculated with TC using the Scheil-Gulliver equation. e concentrations of most of the alloying elements were slightly lower than their corresponding concentrations in the superalloy. e kinetic and thermodynamic data were acquired from the TC databases for Ni-based alloys [30] . e molar volumes of the matrix and precipitated phases for the superalloy were also calculated from the TC databases. e interface energy between the c′, M 23 C 6 , μ precipitates, and c matrix phase were calculated by TC-PRISMA. Homogeneous nucleation was assumed for the precipitation simulation in the austenite matrix, which is referred as "bulk nucleation" in TC-PRISMA. . Figures 1(a)-1(c) show the temperature distribution in the blade, obtained from FEM calculations. Frequently, these studies only show the temperature distribution on the blade surface [5, 22, 31, 32] . In this case, it was taken into account the cross section to analyze in order to obtain a good reference of the service temperature. e microstructural characterization was performed in specific locations, indicated with black square points, for high temperature (HT), medium temperature (MT), and low temperature (LT).
ermo-Calc
Results and Discussion
ermal Analysis
e section with higher gradient of temperature corresponds to the section near the blade root where temperatures from 1168 K (895°C) to 994 K (721°C) were obtained ( Figure 1(c) ). However, it is clear that the highest temperature in this section is located in a small area near the trailing edge. us, the highest gradient of temperature in the blade can be considered that of the section at midspan (Figure 1(b) ), where a substantial area of the section is exposed to a major gradient of temperature, from 1211 K (938°C) to 1053 K (780°C). It is important to mention that the operating parameters and material properties used in FEM simulations correspond to actual conditions of the gas turbine [25] . e substrate temperatures obtained by this computation are close to those obtained in similar works [5, 22, 32] .
ermodynamic Analysis of IN-792
Superalloy. e ermo-Calc-calculated isoplethic phase diagram, plot of temperature (K) versus Al composition (wt.%), is shown in Figure 2 for the IN-792 superalloy.
e real chemical composition is shown in Table 1 .
e current Al content is about 3.2 wt.%, indicated in Figure 2 with a dotted line. If a very slow cooling process is analyzed for an IN-792 alloy with this aluminum content, from the liquid state, at 1643 K (1370°C) approximately, the first phases to be formed are carbides of the MC type and the c matrix phase. It is well known that the Ni-based superalloys are characterized by having a hardening c ′ phase [2] , which is also observed in the diagram over 1373 K (1100°C). As the temperature decreases other phases, such as borides, carbides of M 23 C 6 type, TCP phases, and Ni 3 Ti phase, are formed. In addition, it is important to note that there is no a previous report about a pseudobinary phase diagram of the IN-792 superalloy determined by numerical simulation. All phases shown in Figure 1 , obtained by ermo-Calc, are consistent with those reported in the literature for this type of Ni-based superalloys [2, 33] ; however, their occurrence will depend on the real chemical composition of the superalloy. Figure 3 shows the plot of temperature (K) versus mol fraction of solid determined using the ermo-Calc Scheil module. is diagram represents an approximation of the solidification in nonequilibrium state based on the Scheil-Gulliver model. is model assumes a solidification process with no diffusion in the solid phase, a perfect mixing in the liquid phase (infinitely rapid diffusion in the liquid phase), and local equilibrium at the liquid/solid interface. It shows the phases in as-cast state for the IN-792 superalloy. Here, it is clear that the first solids to be formed are carbides of the MC type and c matrix phase. According to the diagram, they start to be formed at 1623 K (1350°C), approximately. ese results are similar to that obtained in [33] where temperatures of phase transformations were investigated in a cast polycrystal nickel alloy IN-792-5A experimentally, using the method of differential thermal analysis (DTA) under a cooling rate of 283 K (10°C)/min [33] . e hardening phase, c ′ − Ni 3 Al, and the η-Ni 3 Ti phase appear near 1473 K (1200°C). It is important to say that η phase was suggested experimentally into the interval of temperatures of c ′ precipitation [33] . en, it was impossible to separate those thermal effects by DTA analysis and determine unequivocally temperatures of start and end of dissolution and precipitation of c ′ and η phases. In this case, Advances in Materials Science and Engineering Figure 3 , it is possible to mention that c ′ and η phases start their precipitation at 1477 K (1204°C) and at 1347 K (1074°C), respectively, and by comparison with [33] , there is a difference of 279 K (6°C) and 278 K (5°C), respectively. e c and c ′ phases have been reported to be present as a result of a eutectic reaction, also. e c ′ phase formed on this way is designated as primary c ′ phase [2, 4] . e formation of μ phase in some Ni-based superalloys is unavoidable. It was shown that the μ phase can be formed in cast Ni-base superalloys when the amount of refractory elements, tungsten and molybdenum, is more than 3.5, and in these cases the μ phase will be the main TCP phase instead of the σ-phase [14] . So, the IN-792 superalloy of this study has a content of tungsten and molybdenum of about 5.5. e μ phase is based on the ideal stoichiometry A 6 B 7 . Examples of this phase are W 6 Co 7 and Mo 6 Co 7 [2] . Also, it has been determined that a primary μ phase may form during solidification, and secondary μ phase can precipitate during aged heat treatment, or during service temperature in a range since 1073 K (800°C) to 1413 K (1140°C) in the Nibased superalloys [14] . At the end of the Scheil diagram, some borides and carbides, of the M 23 C 6 type, are formed.
Phase Analysis of As-Cast IN-792 Superalloy by ScheilGulliver Equation.
ese results are in agreement with those reported in the literature [2] . Besides, when the C content is in the range of 0.05 to 0.14 wt.% in a superalloy, fine dispersed MC and M 23 C 6 carbides could be formed [13] . is particular type of carbides strongly influences the mechanical properties of Ni-based superalloys; for example, it is possible to improve the strength of this material by a controlled amount of particles of these carbides that promote an apparent inhibition of grain boundary slip. However, a failure in the superalloy eventually could occur due to a fracture in the particle or by decohesion of the carbide/matrix interface.
e M 23 C 6 carbides can also cause premature failure, but this behavior can be avoided by mean of a controlled heat treatment in the superalloy [2] . e ermo-Calc-calculated chemical composition of the as-cast c and c ′ phases can be seen in Table 2 . It is important to observe the proportion of the elements in the c matrix phase. As expected, nickel is the element contained in major proportion, about 65.51 wt.%, and decreases to 60.02 wt.%. is behavior is similar to the aluminum content that decreases from 3.64 to 2.59 wt.%. Other elements are also present in c phase, but they increase in content, chromium from 12.11 to 12.58 wt.% and cobalt from 7.88 to 10.14 wt.%. Besides, it is shown in Table 2 , the nickel and aluminum content for c ′ phase increase with respect to c matrix phase from 62.19 to 65.83 and from 2.83 to 3.74 wt.%, respectively. e other elements of the c ′ phase decrease in content for: chromium from 12.63 to 12.09 wt.% and cobalt from 9.98 to 8.5 wt.%. It is clear that the compositional ranges are similar between the phases c and c ′ . On the other hand, it is evident a good agreement of the chemical composition values of the elements shown in Table 2 with these values obtained experimentally for the real chemical composition shown in Table 1 . Also, in Table 2 , it can be observed that some elements promote a preferred substitution for nickel, like cobalt, or some elements promote the formation of c ′ phase, like aluminum and nickel. In both cases, the values of chemical composition for c and c ′ coincide with that reported in literature [2] .
An EDX analysis was carried out by SEM to the sample exposed at MT, near of leading edge and of suction side of the blade (Figure 4 ). e spectrums obtained are shown only for the points 3-4 y 7-8, for simplicity.
is behavior is observed in an element-imaging SEM analysis of the IN-792 superalloy for the same section of the blade, MT ( Figure 5) . So, the experimental results are in agreement with the ermo-Calc-calculated chemical composition of the as-cast c and c ′ phases. Figure 6 shows the time-temperature-precipitation (TTP) diagram for the IN-792 superalloy, determined by TC-PRISMA software.
Precipitation Analysis by TC-PRISMA.
is diagram was calculated considering the chemical composition of as-cast c ′ phase, shown in Table 2 
It is important to notice that the precipitation of c ′ phase occurs very fast. is precipitate is known as secondary c ′ precipitates.
In contrast, the precipitation sequence for aging at temperatures of about 873 K (600°C) and 1173 K (900°C) is as follows:
at is, c ′ phase is the first precipitate to be formed and then μ, M 23 C 6 , and Ni 3 Ti or η phases appear successively as the aging time progresses.
It is important to mention that it was determined that η phase is found at the grain boundaries in Ni-based alloys when the Ti/Al ratios are higher than about 2.64 and after prolonged exposure at temperatures higher than 1073 K (800°C) [34] . It is considered as deleterious phase because it usually poses negative impact on the mechanical properties of superalloys [34] . e Ti/Al ratio in this superalloy is of about 1.19. us, it would be not a surprise in this study not to observe this structure in the samples reheat treated to regenerate the precipitation process. But, the formation of η phase in the blade used, after 12,000 h of service, could be possible.
e occurrence of M 23 C 6 carbides were not experimentally detected in samples of IN-792-5A superalloy [33] . So, it would be not a surprise if this structure is not present in the samples re-heat-treated of this study due to the conditions of the heat treatments carried out. However, the formation of M 23 C 6 carbides in the blade used, after 12,000 h of service, could be possible due to the decomposition of MC carbides that usually take place in Ni-based superalloys [2] .
e TC-PRISMA simulation of heat treatment for the IN-792 superalloy was conducted considering the typical conditions: solution treatment at 1393 K (1120°C) for 4 h followed by rapid air cooling, then isothermal aging at 1353 K (1080°C) for 4 h followed by air cooling, and finally isothermal aging at 1118 K (845°C) for 24 h followed by air cooling. us, two different simulations were conducted to analyze the precipitation process during the heat treatment for IN-792 superalloy. e first treatment consisted of solution treating at 1393 K (1120°C) and subsequently isothermal aging at 1353 K (1080°C) for 4 h. e second treatment involved the solution treating at 1393 K (1120°C) and subsequently a double isothermal aging until 1118 K (845°C) for 4 h. Figures 7(a) and 7(b) show the plot of mean radius of precipitates (nm) versus time (s) determined by TC-PRISMA software for the former and latter treatments, respectively. Figure 7(a) shows that the precipitated corresponds to c ′ phase. It is noted the presence of three stages: the first of them shows a continuous increase in radius with time up to about 165 nm after 100 s of aging. is corresponds to the nucleation and growth stage. en, there is clearly a plateau, which indicates that the precipitate growth stops and thus, the coarsening stage is reached. is behavior has been observed in a previous study where it was identified that precipitate coarsening commences at the beginning of the second aging step [18] . In contrast, Figure 7(b) indicates that the precipitation of several phases, M 23 C 6 , c ′ , μ, and Ni 3 Ti, take place during aging at this condition. Furthermore, the radius of M 23 C 6 precipitates is larger than that of the c ′ phase. As expected, the radius of c ′ precipitates is larger for aging at 1353 K (1080°C) than that at 1118 K (845°C).
is fact suggests that the size distribution of precipitates is a bimodal type for the complete treatment.
In e volume fraction of the aging at 1353 K (1080°C) is much lower, about 18%, than that of aging at 1118 K (845°C), approximately 42%. ese figures also show that the c ′ phase is the first to be formed at both heat treatment conditions. ese , are similar to those obtained in [35] . In that experimental study, it was determined the effect of the solution temperature on the microstructure of a Ni-based superalloy and they observed a primary c ′ fraction of about 7.4% at solution temperature for subsolvus condition. No primary c ′ fraction was identified for supersolvus condition. Also, it was determined the precipitation of secondary c ′ particles from the matrix during quenching for different heat treatment conditions of aged [35] . e size of c ′ precipitates increased as the cooling rate decreased, and different conditions of cooling in their aging treatments led to a bimodal precipitation of secondary c ′ particles [18, 35] . So, it is suggested that the results obtained in It is important to mention that there is a previous study where the simulation of c ′ precipitation kinetics was carried out in a commercial Ni-based superalloy with two simulation tools, TC-PRISMA and PanPrecipitation [18] . In that analysis, it was predicted that monomodal c ′ size distributions were consistent with their experimental observations where the equilibrium volume fraction c ′ obtained would virtually be established at the beginning of the second aging step [18] . us, this simulation results allow to know the local evolution of precipitated particles in components under different conditions of heat treatments. Figures 9(a)-9(c) . ese are the first phase to be formed during the solidification, as shown in Figure 3 . ey are composed of Ti and Ta, as indicated in Figure 10 , which corresponds to the element-imaging SEM analysis of the IN-792 superalloy, in addition to M 23 C 6 carbides (black) near the MC carbides, due to the decomposition of MC carbides that usually take place in Ni-based superalloys, as previously mentioned. is may cause the release of carbon that reacts in several ways and leads to the formation of M 23 C 6 according to the following reactions [2] :
Microstructural and Mechanical Characterization of In-
ese reactions promote the precipitation of carbides mainly on grain boundaries and, in many cases, the c ′ phase generated by reaction (3) covers the surface of MC carbides [2] . is is in agreement with the MC carbides observed in Figures 9(a)-9 (c) which are covered by c ′ phase.
In addition to, a different coarse microconstituent with an irregular plate shape was observed in Figure 9 (c), indicated with black arrows. is constituent may correspond to a topologically packed phase (TCP). It is known that the TCP phases are formed in Ni-based superalloys that have high content of elements such as Cr, Mo, W, or Re which promote precipitation of rich intermetallic phases in these elements [2] . e real chemical composition of IN-792 superalloy indicates a high Cr content, 11.7 wt.%, Mo and W, with 2.0 and 3.5 wt.%, respectively. is may cause the formation of the μ phase according to ermo-Calc and TC-PRISMA results, previously presented. Also, it was shown in Figure 8 (b) a low value of volume fraction for this precipitate. Additionally, particles of the c ′ phase can be accumulated and coarsened around the μ phase.
us, the identification of μ phase is difficult by SEM [14] .
e eutectic c and c ′ lamellar constituent is noted in Figures 9(a)-9(c) .
is eutectic reaction was identified at 1504 K (1231°C) [33] .
e aging process at temperatures between 1118 K (845°C) and 1353 K (1080°C) is expected to cause the precipitation of the c ′ phase from the c phase of ascast superalloy.
ese precipitates have a cuboid morphology as can be observed in Figures 9(a)-9(c) . ey are also aligned on the softest crystallographic direction of the fcc c phase, <100>. e average radius of c ′ particles, determined on different SEM micrographs, was HT: 338.5 nm; MT: 320.4 nm; and, LT: 328.5 nm. It is evident that the highest service temperature promotes the largest size of c ′ particles. However, the smallest radius of precipitates was not observed for LT section. is seems to be attributable to the occurrence of rafting of c ′ precipitates in MT section due to the presence of highest value of total deformation in this section and to high mechanical stress during in-service operation of the blade.
e XRD pattern for superalloy, after in-service operation, is shown in Figure 11(a) . Most of the diffraction peaks for c ′ and c phases are overlapped because of the similar lattice parameter; however, the superlattice diffraction peaks of c ′ phase are clearly detected at low 2θ angle. e elementimaging SEM analysis of Figure 10 revealed the presence of M 23 C 6 carbides, mainly composed of Cr and Mo, and it is confirmed in Figures 11(a) and 11(b) . is fact is consistent with literature [2] where it is reported that M 6 C carbide is favored to be formed instead of M 23 C 6 carbide for nickelbased superalloys where Mo and W content is in the range of 6-8 at. %, which is different from 1.21 at. % Mo and 1.11 at. % W for the current alloy composition. Figure 11 (a) confirmed the presence of Ni 3 Ti or η phase, predicted by ermo-Calc and TC-PRISMA software. It was expected to take place due to the in-service operation conditions of the blade. e presence of η phase identified in this investigation is similar to that of the results obtained in [33, 34] . However, η phase was not detected by SEM.
It is important to mention that μ particles were not identified in previous studies about precipitation kinetic of IN-792 superalloys [9, 33] . is can be attributed to little differences of chemical composition and to the different bases of thermodynamics data used in this study.
e Vickers microhardness of the blade for each section, HT, MT, and LT, was determined to be about 478, 434 and 453 VHN, respectively. is difference in hardness can be attributed to the c ′ phase average size. Besides, the highest value hardness was observed to occur when a high volume fraction of MC and M 23 C 6 carbides were present, distributed intra-and intergranularly in the c matrix phase. Figures 12(a)-12(f ) show the SEM micrographs for the base of the blade with the following heat treatment conditions: heating at 1393 K (1120°C) for 4 h and subsequently air cooling (Figures 12(a)-12(c) ), heating at 1393 K (1120°C) for 4h followed by rapid air cooling until 1353 K (1080°C), and then aging at this temperature for 4 h and final aging at 1118 K (845°C) for 24 h followed by air cooling (Figures 12(d)-12(f ) ).
Microstructural and Mechanical Characterization of the Reheat-Treated Blade.
e first heat treatment caused the partial dissolution of the c ′ phase because of the decrease in its volume fraction. at is, the c ′ particles were not observed well distributed on the c matrix, and its average radius decreased, approximately 312 nm. Furthermore, the crystallographic alignment between the c and c ′ phases is not clearly observed in Figures 12(a)-12(c) . Additionally, the morphology of c ′ precipitates is rounded instead of cuboidal.
is result suggests that the c ′ phase was not completely dissolved which is in agreement with the pseudobinary phase diagram of Figure 2 where no c single phase region is observed for 3.2 wt.% of aluminum. e eutectic constituent of the c and c ′ phases is still present, and it seems that this treatment caused no change in them. is is in good agreement with the formation temperature, 1504 K (1231°C), of c/c ′ eutectic reported in literature [33] . e following aging at 1353 K (1080°C) for 4 h and aging at 1118 K (845°C) for 24 h have no e ect on c/c ′ eutectic (Figures 12(d)-12(f ) ). MC carbides seem to be una ected for both treatments (Figures 12(a)-12(f ) ). However, M 23 C 6 carbides were dissolved apparently, which is consistent with the phase diagram obtained by ermo-Calc that shows no M 23 C 6 carbide presence at 1393 K (1120°C), solution treating temperature.
Furthermore, the XRD pattern, as shown in Figure 13 (a), for the specimen with the rst heat treatment shows only the presence of c and c ′ phases. e hardness for this section of the in-service operation specimen was 453 VHN in comparison to 452 VHN for the specimen with rst treatment. at is, there is almost no change in hardness. In contrast, the specimen with the second treatment, complete heat treatment, shows the presence of very small spherical c ′ precipitates, < 100 nm, located among the original c ′ precipitates as a result of aging at 1118 K (845°C). In addition, the XRD for this specimen, as shown in Figure 13 (b), again indicates only the presence of the c and c ′ phases.
In a previous experimental study [36] , it was analyzed the as-cast microstructure of an IN-792 superalloy, obtained by conventional cast process. ey identi ed c matrix phase, c ′ phase, c/c ′ eutectic, and carbides. en, after a heat treatment of solution treated at 1393 K (1120°C), they concluded that the MC carbides and rose-shaped c/c ′ eutectic partly dissolves into c matrix phase and M 23 C 6 carbide forms. In this study, M 23 C 6 carbides were not observed after a heat treatment of solution treated at 1393 K (1120°C). It can be a consequence of the di erences in chemical composition between the alloys studied.
en, after two-stage aging process with 4 h at 1353 K (1080°C) and 24 h at 1118 K (845°C) in [36] , they identi ed c ′ phase arranged regularly and the reprecipitation of profuse ne c ′ throughout c matrix channels. ese results are in good agreement with the experimental results of this study.
e hardness for this complete heat treatment was 410 VHN, lower than the rst treatment. is can be attributed to the loss of solute in the c matrix phase because of the precipitation of small c ′ precipitates and to the dissolution of M 23 C 6 carbides in the IN-792 superalloy, after applying the reheat treatments.
e precipitation of small c ′ particles are in good agreement with the TTP diagram of Figure 5 determined by TC-PRISMA. Like in [36] , in this study was not observed cold crack formation at grain boundaries for a solution temperature of 1393 K (1120°C). Finally, for both heat treatments, the heating at 1393 K (1120°C) is not enoughly high for dissolving the c/c ′ eutectics and the carbides of the MC type in the microstructure of the IN-792 superalloy. On the other hand, the complete heat treatment promotes a distribution more regular and homogeneous of c ′ precipitates, and their size and morphology become finer and cuboidal, respectively, because of the reprecipitation c ′ particles throughout c matrix phase.
Conclusions
Experimental and numerical analysis of the microstructure evolution for the IN-792 superalloy, extracted from a gas turbine blade, was conducted, and the conclusions are as follows:
(a) e ermo-Calc analysis based on the equilibrium and nonequilibrium diagrams permitted to explain the phase formation during the solidification of the superalloy. e MC carbides were first formed during the solidification, and then the eutectic constituent, composed of the c and c ′ phases, was formed. ese calculated results are in good agreement with the phases observed microscopically in the superalloy. microstructural characterization of in-service operation blade. (c) In the case of both conducted reheat treatments, no effect of dissolution was observed on the c/c ′ eutectic and MC carbides. e M 23 C 6 carbides were dissolved, apparently. is is consistent with the phase diagram obtained by ermo-Calc that shows no M 23 C 6 carbide presence at the solution treating temperature, 1393 K (1120°C). For the condition of heating at 1393 K (1120°C) for 4 h and subsequently air cooling, it was observed partial dissolution of the c ′ phase and the precipitation of the c ′ phase with a morphology round instead of cuboidal. In the case of the complete heat treatment, the fine secondary c ′ precipitates showed a more regular distribution and bimodal type. ese results are consistent with the calculated TTP diagram. in-service operation can be attributed as a consequence of the c ′ average size and due to the high volume fraction of MC and M 23 C 6 carbides, considering their intra-and intergranular distribution in the c matrix phase. Nevertheless, it was not obtained an evident change in hardness for the specimen with the first treatment. In contrast, the specimen with a complete heat treatment showed hardness lower than the first treatment. is can be a consequence of the loss of solute in the c matrix phase due to the reprecipitation of small c ′ particles and of the dissolution of M 23 C 6 carbides in the IN-792 superalloy, after applying the reheat treatments. (e) e η phase was detected in the samples for the sections in-service operation, experimentally. In contrast, it was not identified in the samples reheattreated. en, for this IN-792 superalloy, its presence is due to the prolonged exposure at high temperatures of the blades. Similarly, the μ phase was predicted to appear in the IN-792 superalloy by ermo-Calc and TC-PRISMA software. us, it is expected that the coarse microconstituent with an irregular plate shape observed in the LT section of the blade, after in-service operation, corresponds to the μ phase. However, there is good agreement between the numerical and experimental results obtained.
Data Availability
e ermo-Calc and TC-PRISMA data used to support the findings of this study were supplied by ermo-Calc software under perpetual license and so cannot be made freely available. Also, the ermo-Calc and TC-PRISMA data used are mentioned in references [26, 28, 30] within the article. Previously reported computational fluid dynamics (CFD) data were used to support this study and are available in reference [24] , within the article. ese prior studies were used to calculate the service temperatures inside the blade.
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